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ABSTRACT: Structural properties of a dense polymer melt confined between two hard walls are
investigated over a wide range of temperatures by dynamic Monte Carlo simulation using the bond-
fluctuation lattice model. The temperatures studied vary between those of the ordinary liquid and those
of the strongly supercooled melt. At high temperatures the configurational properties of the polymers
close to the walls exhibit the following features: The density profiles of the monomers and of the end
monomers are enhanced at the walls and decay toward the bulk value on the length scale of the bond.
Both the bonds and the chains tend to align preferentially parallel to the wall. The radius of gyration is
the largest length scale characterizing the extent of the interfacial region. When the melt is progressively
supercooled, all features of the profiles and the tendency of parallel orientation with respect to the walls
become more pronounced. For the strongly supercooled melt the perturbation introduced by the presence
of the walls penetrates deeply into the bulk, decaying on a length scale which is larger than the radius

of gyration.

I. Introduction

Many high-performance materials are polymer-—
matrix composite materials, in which a fibrous compo-
nent (e.g., glass, Kevlar, graphite) is embedded in an
amorphous polymer matrix (e.g., epoxies, polyesters,
polyimides).}? The advantage of combining a polymer
system and a fiber is to design a new material with
specifically tailored properties which none of the indi-
vidual components possesses alone. The fiber compo-
nent generally serves to reinforce the specific modulus
and the specific strength of the (usually) mechanically
weak polymer matrix, whereas the matrix determines
the overall physico-chemical properties of the composite
material (i.e., chemical resistance, thermal expansion
etc.). Such fiber-reinforced polymer composite materials
are lighter than the conventional ceramic or metallic
materials while exhibiting comparable or even better
thermal and mechanical properties. Therefore they
have gained wide acceptance as substitutes for ceramics
or metals and find growing application in the automo-
tive, aerospace, and electronic industry.3-8

Despite the widespread technical importance of the
polymer—matrix composite materials, their properties
are not yet well understood theoretically. The proper-
ties of these materials are substantially determined by
the interaction between the fiber and the polymer
component at the interface. The interface and the
adjacent interfacial region, the so-called interphase, are
schematically depicted in Figure 1. This figure sketches
a small section of a composite material, where a polymer
melt is immersed between two long threads of the fiber
component. Whereas the polymers in the middle (i.e.,
in the matrix) are unaffected by the presence of the fiber
and exhibit typical bulk behavior (Gaussian coil struc-
ture,” etc.), the structure and the mobility of the chains
in the interphase are strongly influenced by the specific
interaction with the fiber component, by the internal
properties of the polymers (flexibility, degree of branch-
ing, etc.) and by external control parameters such as
temperature or density. Such an influence is not only
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Figure 1. Schematic illustration of the interphase between
a fiber component and an amorphous polymer matrix [after
ref 2 (changed)]. The interaction between the fiber component
and the polymer matrix (modeled by a pure hard core repulsion
in this simulation) strongly influences the structure and the
mobility of the polymer melt within the interphase, wherease
the polymers sufficiently away from the interface in the matrix
behave like chains in the unconstrained bulk.

apparent from direct experimental studies of the mor-
phology in fiber-reinforced polymer composite materials?
but is also expected from the numerous experimental 8-12
simulation,’®~37 and analytical3®—4’ investigations of
polymer systems close to interfaces or surfaces.

In many of the cited simulations the solid—polymer
melt interface is modeled by a hard neutral wall (i.e.,
no preferential attraction for the monomers occurs). The
structure of the melt close to a hard wall is determined
by two opposing factors: packing constraints and loss
in configurational entropy. The loss in configurational
entropy results from the reduction of accessible chain
configurations due to the presence of the impenetrable
wall. It produces an effective force which tries to drive
the polymers away from the interface into the bulklike
matrix. This effective force has to compete with another
force (also entropic in origin) exerted by the chains in
the matrix on the polymers at the interface, which tends
to pack them against the wall. For long chain lengths
and at low densities the entropic repulsion from the
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interface prevails and leads to a depletion of the region
near the wall, whereas the packing constraints gradu-
ally counterbalance this repulsive force and start to
dominate for short chains as the density increases. At
meltlike densities the polymers in the matrix press the
chains near the wall against the interface and force
them to orient parallel to it to some extent. This
influence on the structure of the polymers, resulting
from the interplay of density and chain entropy, close
to a hard wall has been observed in molecular dynamics
simulations,!® in off-lattice Monte Carlo simula-
tions,20:21,23,24,29-32,34,35,39-41 gnd in lattice Monte Carlo
simulations?6-2837 gnd can also be rationalized theo-
retically.38-44.46

The advantage of the mentioned simulations is that
the structural (and dynamical) properties at the poly-
mer—wall interface can be analyzed simultaneously on
different length scales by suitably defined quantities.
Among these quantities are, for instance, various pro-
files which characterize how the influence of the wall
gradually vanishes with increasing distance from it,
such as the monomer density profile, the chain density,
profile, and the profile of the bond orientation or of the
radius of gyration. Whereas most of the mentioned
simulations study the variation of these profiles with
chain length, 18.19.23.25-29.31,3237 dengity,29-92,343537 gyerall
distance between the walls,23:2627.3455 or 3 change in the
wall potential (i.e., attractive potentials of variable
strength),18.25.36.28 not much work has been done on the
variation of the profiles with temperature. With the
present simulation we want to contribute solving to this
problem by studying a confined polymer melt in a
temperature interval that ranges from the ordinary
liquid to the strongly supercooled state close to the glass
transition of the bulk.

How confinement influences the glassy behavior of a
substance is still rather controversial. There are ex-
perimental studies of the glass transition of organic
liquids in small pores, which yield either a decrease or
an increase of the glass transition temperature T; with
respect to the bulk. For instance, a reduction of T by
the finite pore size was found in differential scanning
calorimetry measurements of o-terphenyl and benzyl
alcohol,*® whereas an increase of T, with confinement
was reported in dielectric relaxation investigations of
propylene glycol.*® An increase of T, was also observed
in a recent molecular dynamics simulation of a binary
mixture of soft spheres which are confined between two
parallel plates.’® On the other hand, ellipsometric
studies of thin glassy polymeric films indicate that T
decreases when the polymer interacts only weakly with
the substrate, but increases when the interaction is
strong.517% In the former case the reduction of T with
respect to the bulk is attributed to the formation of a
liquidlike layer on the free surface of the film, where
the mobility of the polymers is considerably enhanced.5!
In the latter case it is speculated that this layer also
exists, but that its effect is outweighed by the interac-
tion with the substrate.3258 In view of this rather
controversial experimental situation it seems worth-
while to study the influence of confinement on the glass
transition in a largely simplified (polymer) model for
which much is known about the glassy behavior of the
bulk.

The remainder of the paper is organized as follows:
In section II we describe the model used in the simula-
tion and some technical details of the simulation itself.
The main part of the paper (section III) presents the
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Figure 2. Sketch of a possible configuration of monomers
belonging to different chains in the melt in order to illustrate
the effect of #(b). All bond vectors shown in this picture have
the energy ¢ except the vector (3,0,0) which belongs to the
ground state. This vector blocks four lattice sites (marked by
©O) which are no longer available to other monomers, since two
monomers may not overlap. Due to this excluded volume
interaction the jump in direction of the large arrow is also
forbidden.

results of the influence of temperature on the structural
properties of the confined polymer melt. Section IV
contains our conclusions and provides a brief outlook
on future work.

II. Model and Simulation Technique

The polymer melt is simulated by the bond-fluctuation
model.?* In this model the polymers are represented by self-
avoiding and mutually avoiding walks on a simple cubic lattice
and consist of monomers which occupy a whole unit cell of the
lattice. Due to this identification of a monomer with a unit
cell a multitude of bond vectors are a priori possible (in other
lattice models, where a monomer is associated with a single
lattice site, the number of bond vectors is essentially identical
to the (small) coordination number of the lattices). This
multitude of bond vectors is reduced to a set of 108 allowed
bond vectors by two conditions: local self-avoidance of the
monomers and uncrossability of the bond vectors during the
course of the simulation (no phanton chains’). The 108 allowed
bond vectors are obtained from the set {(2,0,0), (2,1,0), (2,1,1),
(2,2,1), (3,0,0), (3,1,0)} by all symmetry operations of the simple
cubic lattice. Though finite, the number of available bonds is
large enough to make the model approximate the continuous
space behavior fairly well.’657 Whereas this applies for all
quantities which extend over several lattice constants, the
lattice structure has to leak through in the profiles to be
studied. It is one of the purposes of this paper to find out
which features of the profiles are introduced by the underlying
lattice and which have been or might also be observed in
corresponding continuous space simulations and real materi-
als.

In addition to the excluded volume interaction an energy
function F(b) is associated with each bond vector b, which
favors the bonds of length b = 3 and direction along the lattice
axes (i.e., #(b) = 0) in comparison to all other available bond
vectors (i.e., HAb) = ¢).5"% Figure 2 illustrates the effect of
this energy function. When the temperature decreases, each
bond tries to reach the ground state (i.e., a bond with 54b) =
0) and thereby blocks four lattice sites for other monomers.
This loss of available volume generates a competition between
the energetically driven expansion of a bond and the density
of the melt. Due to this competition the melt exhibits no
tendency to crystallize and may easily be supercooled. Various
static and dynamic properties of the unconfined supercooled
melt (i.e., of the pure bulk polymers unconfined by the walls)
have been studied.’®%® These simulations show that the
present simple model reproduces many aspects of experimental
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(polymeric) glass formers:#8! Structural relaxation functions
become strongly stretched when the melt is progressively
supercooled, and the corresponding relaxation times increase
in a non-Arrhenius fashion.’® If the melt is cooled at a finite
rate, it falls out of equilibrium at low temperatures and freezes
in an amorphous structure on the time scale of the simulation.
The glass transition temperature depends on cooling rate and
inverse chain length in a nonlinear and in a linear fashion,
respectively.®® If the melt is cooled quasistatically to temper-
atures as low as possible, the entropy per monomer continu-
ously decreases and starts to level off for very low tempera-
tures close to the glass transition (i.e., for T < 0.264).5 All of
these results are borne out by experiments.%0-6!

Since the model has turned out to be well suited for the
investigation of the glassy behavior of the bulk, it seems
promising that it might also yield some insight in the static
and dynamic properties of supercooled polymer melts in
confined geometry. As a first step in this direction, we study
in the present paper the change in the structure of a polymer
melt confined between two hard walls (see Figure 1) when the
temperature decreases from values typical of an ordinary
liquid (i.e., T = 1.0) to those close to the glass transition
temperature of the bulk (i.e., 7= 0.2).%¢ The lowest temper-
ature T = 0.2 studied here corresponds to a strongly super-
cooled melt. The hard walls are inserted in the z direction at
z = 0 and z = H = 40, whereas periodic boundary conditions
are used in the x and y directions. The size of the simulation
box in these directions is L, = L, = L = 40, which is large
enough to ensure that a chain does not interact with its
periodic images [i.e., L > 2R‘(’;““‘, where R is the radius of
gyration of the chains in the bulk (i.e., in the matrix, see Figure
1)]. The simulation box contains P = 390 monodisperse
polymer chains with a length of N = 10 monomers. Since each
monomer occupies 8 lattice sites on the simple cubic lattice,
the density of the melt is ¢ = 8NPAH — 1)L? = 0.5 (ie., a
volume fraction of 50% of the lattice sites is occupied). This
density suffices to make the model exhibit the behavior typical
of dense polymer melts.52

Ten of these simulation boxes are treated in parallel to
gather statistics. However, preliminary test runs have shown
that the statistical effort provided by these ten independent
configurations is by far not sufficient to determine the various
profiles with adequate accuracy. In order to improve the
statistics independent configurations have to be generated
during the simulation, which means that the waiting time
between consecutive measurements must be of the order of
the structural relaxation time.

With the usual bond-fluctuation dynamics this structural
relaxation time increases strongly with falling temperature,
as mentioned above, which would make the generation of
statistically independent configurations prohibitively difficult
in the interesting temperature region. The usual bond-
fluctuation dynamics consists in moving a randomly chosen
monomer in a random direction along the lattice axes. These
local moves are supposed to mimic a random force exerted on
a monomer by its environment. They lead to Rouse-like
dynamics, which is typical of a polymer in a dense melt.
However, one of the advantages of the Monte Carlo technique
is that the move may be adapted to the problem at hand. Since
the equilibrium state is independent of the way by which it is
reached, one need not necessarily work with the realistic
dynamics of local moves, but may replace it by an artificial
one which uses global moves to speed up the equilibration of
the melt. A global move involves a collective motion of all
monomers of a chain. Such a collective motion may be realized
by the so-called slithering snake dynamics,% for instance.
In the slithering snake dynamics one attempts to attach a
randomly chosen bond vector (from the set of allowed bond
vectors) to one of the ends of a polymer (both also randomly
chosen). If the attempt does not violate the excluded volume
restriction, the move is accepted with probability exp(—AF
kpT], where A% is the energy difference between the newly
added bond and the last bond of the other end of the chain.
This last bond is removed, provided the move is accepted. By
means of the probability exp{—A%7ksT] temperature is intro-
duced in the simulation.®
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Figure 3. Time dependence of the parallel components of
various mean square displacements (msd), i.e., of the mono-
mers (gq,(¢), dashed line), of the monomers in the reference
frame of the center of mass (g,(?), solid line), and of the center
of mass (g3,(¢), dotted line) (see text for details). The data are
generated by the slithering snake dynamics at the lowest
temperature studied (7" = 0.2). For each msd two curves are
shown, one of which was obtained by using the end configu-
ration of the first curve (i.e., the configuration after 1.25 x
108 MCS'’s) as the initial configuration. Since the curves for
the different msd’s coincide within the statistical accuracy, the
slithering snake dynamics succeeds in equilibrating the melt
at this temperature. In addition, two solid lines are shown:
a horizontal one for the component of the radius of gyration
parallel to the wall and one with slope 1 at late times.

1 10 100

Contrary to the usual Rouse dynamics the slithering snake
dynamics does not slow down as drastically so that equilibra-
tion becomes possible down to T < 0.2. This has been
demonstrated for the unconfined polymer melt in ref 65, and
Figure 3 exemplifies this property of the slithering snake
dynamics again for the confined melt. Figure 3 shows the time
evolution of three mean square displacements, measured
parallel to the wall, at T = 0.2, the lowest temperature of the
present study: g1,(¢), the mean square displacement of the
(two) inner monomers (exclusion of chain end effects); g,(?),
the mean square displacement of the (two) inner monomers
in the center-of-mass system and gs,(¢), the mean square
displacement of the center of mass of the polymers. At early
times the monomers do not feel the motion of the center of
mass. Therefore g1,(¢) and g,(¢) virtually start at the same
value which is larger than that of g3)(f) by a factor 1/N. At
late times the motion of the monomers has to follow that of
the chain so that g1,(¢) = g3,(¢) < t (for ¢ > 10® MCS’s) and
g2,(t) takes a constant value (i.e., the monomers do not move
in the center-of-mass system). Due to this time dependence
of the mean square displacements gg,(f) and g3)(f) must
intersect. Since this intersection occurs at a time when g3
has moved over a distance of about the radius of gyration (i.e.,
of its component parallel to the wall; see horizontal solid line
in the figure), the time of the intersection may be identified
with the structural relaxation time of a chain. Even at T =
0.2 the so-defined structural relaxation time is only about 2000
MCS’s for the slithering snake dynamics, whereas the corre-
sponding time for the usual bond-fluctuation dynamics is at
least 3 orders of magnitude larger.®® In the simulation the
mean square displacements were also measured normal to the
wall, yielding curves comparable to those of the parallel
components except at long time (where the motion has to be
confined by the presence of the walls). The final value of the
structural relaxation time was then taken to be a value which
exceeds the largest of the intersection times measured parallel
and normal to the wall.

That this definition suffices to remove the history of the
cooling process completely is illustrated in Figure 3 by the two
curves which are shown for each mean square displacement.
One of these curves corresponds to a simulation, where the
start configuration was relaxed for the structural relaxation
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Figure 4. Plot of the reduced monomer density profile gm(2)
= 0,.(2)/o"™™ versus the distance z from the wall for 7' = 0.2

(x) and T'= 1.0 (O). QI’;‘“‘ is the average of gn(2) for 15 < z <
25.

time defined above, whereas the start configuration for the
other curve is the end configuration of the first curve. The
two curves coincide within the statistical accuracy. There is
sign of residual aging effects. Therefore the structural relax-
ation time defined above is a sufficient waiting time to obtain
statistically independent configurations. In this way, 2000
additional configurations were generated for the further
analysis. Since 10 independent. configurations are simulated
in parallel, the total statistical effort involves 20 000 configu-
rations for each temperature. Therefore the statistical inac-
curacy should be well under control in the present simula-
tion.

III. Structural Properties of the Polymer Film

In order to study the competition between tempera-
ture, packing constraints, and wall effects on the
structural properties of the polymer melt, distance
profiles measured in the z direction normal to the
(lower) hard wall were recorded during the simulation
for various quantities which are sensitive to changes
on different length scales of the melt. These length
scales are the length scale of a monomer (i.e., of a lattice
constant), of a bond, and of a chain. The subsequent
sections report the results of this analysis.

A. Monomer Density Profiles. Figure 4 compares
the dependence of the reduced monomer density profile
omr(2) on z for the temperatures T = 0.2 (supercooled
melt) and T' = 1.0 (polymer melt at high temperature).

The reduced monomer density profile is defined by gm(2)

= 0. (20", where gm(2) is the monomer density (i.e.,

the average number of monomers divided by L?) at z
and Q;ulk is the value of the profile in the matrix. A

monomer is associated with the value z if the lower face
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of its unit cell belongs to the zth plane of the cubic
lattice, and Qﬁ’;‘lk is calculated as the average of gn(2)
for 15 < z < 25. The choice of this interval for the
calculation of the bulk properties seemed appropriate,
since the enclosed z values are separated by more than
twice the bulk value of the radius of gyration (see Table
1) from the walls at both temperatures.

At both temperatures the monomer density profile
exhibits a strongly oscillating structure which may be
rationalized as follows: Chains close to an impenetrable
wall lose configurational entropy, which favors a deple-
tion of the region near the wall. On the other hand,
they also experience an effective average force by the
collisions with the chains further away from the inter-
face, which tends to pack them against the wall. At
high enough densities (i.e., meltlike densities) the
packing constraints dominate over the loss in configu-
rational entropy and cause the enhancement of the
monomer concentration next to the wall (i.e., atz =1,
39 in Figure 4) over the bulk value. The enhancement
next to the wall leads to a reduction of the monomer
density in the following layer (i.e., z = 2, 38) due to the
excluded volume interaction, which in turn allows for
another enhancement in the subsequent layer. This
sequence of enhanced and reduced monomer densities
continues over a few lattice constants, until the bulk
value is recovered (at least for the larger temperatures;
see discussion below), and is comparable to that of the
pair-correlation function in both appearance and inter-
pretation. Qualitatively similar fluid-like oscillations
of the monomer density are observed in molecular
dynamics!® and off-lattice Monte Carlo simula-
tions?1,2324.32,34,3540-42 and may also be understood
analytically.?9-4 Of course, the quantitative details
(such as the weight of the first peak, etc.) are different
for the various models. We expect that our model
provides qualitatively reliable information on all length
scales larger than the lattice spacing.

Figure 4 shows that the intensity of the density
oscillations close to the wall strongly increases with
decreasing temperature. At T = 0.2 about twice as
many monomers as at T = 1.0 populate the layer next
to the wall. This strong increase may be explained by
the action of the model’s energy function. When the
temperature decreases, the energy function makes the
bond vectors adopt the ground state. Since a bond
vector in the ground state (i.e., in the state {(3,0,0)}) is
oriented along the lattice axes, such an orientation
should be facilitated by the presence of the wall and thus
the packing of the monomers should become more
efficient. Therefore one expects not only the number
of bonds in the ground state to increase next to the wall
but also the number of monomers. A similar argument
was presented in a recent off-lattice simulation of a

Table 1. Bulk Values of the Various Profiles Discussed in the Text®

T 10%, N 10%gc (ppulk b = 2b° ool Ra? = 2Rc.? R =2R,>
0.20 6.006 2.556 6.050 0.126 5.790 109.78 13.51 78.71
0.25 6.037 2.209 6.054 0.288 5.558 105.39 12.06 69.40
0.30 6.069 2.019 6.081 0.448 5.334 102.08 11.02 62.99
0.35 6.104 1.917 6.104 0.573 5.162 100.27 10.43 59.45
0.40 6.122 1.858 6.121 0.662 5.039 99.29 10.06 57.35
0.50 6.144 1.797 6.143 0.768 4.895 98.44 9.69 55.19
0.60 6.156 1.768 6.158 0.824 4.817 98.12 9.51 54.21
0.70 6.162 1.753 6.163 0.857 4.774 97.93 941 53.62
0.80 6.169 1.743 6.167 0.878 4.746 97.84 9.35 53.26
0.90 6.171 1.737 6.171 0.892 4.727 97.79 9.31 53.10
1.00 6.172 1.731 6.172 0.903 4,710 97.76 9.27 52.84

¢ The bulk values are defined as the average of the respective profiles for 15 < z < 25 at all temperatures.
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Figure 5. Temperature dependence of the decay length of the
monomer density profile {, (0), of the end-monomer density
profile {.m (x), and of the chain-monomer profile {em (A).
Additionally, the bulk value of the radius of gyration Rg“lk =
(Ra? + Ra.®Y (+) is shown for comparison. RY™ is the
average of Rg(z) for 15 < z < 25. All quantities are normalized
by the bulk bond length 6"k defined in the same way as
R2™, Note that RE™ /6™ increases with decreasing temper-
ature, which means that the chains stiffen.

semiflexible polymer melt3 and of a mixture of flexible
and semiflexible polymers*! to rationalize the further
enhancement of the monomer density next to the wall
when the chain stiffness was increased (over a certain
range). Chain stiffness also increases in the present
model with falling temperatures because of the interplay
between the energy function and the density of the
melt5865 (compare also the bulk values of the bond
length and of the end-to-end distance, which are com-
piled in Table 1, and Figure 5). Therefore the findings
of the cited off-lattice simulations suggest that the
observed enhancement can result from the interplay
between packing constraints and chain stiffness and is
not a consequence of the underlying lattice structure.

The combined effect of the enhanced monomer density
at the wall and the excluded volume interaction makes
the intensity of the density oscillations increase and
thus the monomer density profile decay more slowly
toward the bulk value. Since the corresponding decay
length may be used as a measure for the size of the
interphase, its temperature dependence is of great
interest. In order to quantify this temperature depen-
dence one could try to read off the z value at which
omr(2) attains the bulk value. Whereas this is possible
for T = 0.25, the irregular structure of om:(z) hampers
such an analysis at T = 0.2 (see Figure 4). Therefore a
different approach is needed to estimate the size of the
interphase at all temperatures. One way of doing this
is as follows: The density profiles are symmetric around
the middle of the simulation box. Therefore both halves
may be combined to an average profile gm(z). This
average profile can be used to define a probability for
finding a monomer at position z by

0m(2) = O

prl2) =— (1

Y 1om(@) — o™
z=1

the first moment of which is a suitable quantity to
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Figure 6. Comparison of the z dependence of monomer
density profile om(z) (0) and the end-monomer density profile
Qem(2) (x) at T =1.0.

characterize the decay of the monomer density profile,
ie.,

L2

b = 2.2Pn(@) (2)
z=1

In Figure 5 the temperature dependence of the ratio {m/
bbulk ig compared with that of RY™/A™™, where both
the bulk radius of gyration and the bulk bond length
are defined by Rl(’;“lk = (Ra? + R 22 and bbuik = (b2 +
b1%)Y2 from the data compiled in Table 1. These
definitions are legitimate, since the resulting value
agrees with that from a simulation of the unconfined
melt.85 Figure 5 shows that {, depends only weakly
on temperature for T = 0.35, but increases by about a
factor of 2 in the temperature region where the glassy
behavior of the model starts to develop. This increase

is much stronger than that of Ry in the same tem-
perature range. For T = 0.35 the values of {n, are
comparable to those of mean bond length in the bulk
and thus much smaller than R%™. In the state of the
ordinary liquid the radius of gyration is the relevant
(large) length scale, whereas wall-induced longer ranged
correlations develop in the supercooled confined melt.
Close to T the subtle interplay of energy, density, and
wall constraints seems to generate an additional length
scale {m which determines the size of the interphase.
At T = 0.2 this length scale becomes large and incom-
mensurable to the lattice constant and thus destroys
for z > {y the regular structure of gm(2) (maxima at odd
and minima at even values of 2), which was present as
long as &y, < R‘c’;“lk (i.e., as long as T' = 0.25).

In addition to RS™ and to &m Figure 5 also includes
the temperature dependence of {.m, the decay length of
the end-monomer density profile gem(2), which is defined
analogously to {m (see eq 2). The close agreement of
the temperature dependences of {.m and {n suggests
that the corresponding profiles are also rather similar.
The original profiles gem(2) are defined as the average
density of end monomers at position z multiplied by N/2
so that its bulk value (i.e., the value for 15 < z < 25)
coincides with Q‘,;“lk. These profiles are compared with
those of gm(2) at T = 1.0 and T = 0.2 in Figures 6 and
7, respectively. Figure 6 shows that gem(2) is larger than
om(2) at the wall. An enhancement of the chain end
density at the wall was also observed in molecular
dynamics,8 off-lattice Monte Carlo?3243435,39.4044 gpd
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Figure 7. Comparison of the z dependence of monomer

density profile on(2) (O) and the end-monomer density profile
Oen(2) (x) at T = 0.2.

lattice Monte Carlo simulations?6-28 and can be ratio-
nalized as follows:4” The presence of the impenetrable
wall excludes a larger number of chain configurations
with internal monomers touching the wall than of
configurations with end monomers touching it. There-
fore the enhancement of chain ends at high tempera-
tures results from the attempt of the chains to minimize
the loss in configurational entropy. With decreasing
temperature the contribution of the energy function
becomes important. As discussed with respect to Figure
4 the combined effect of the energy function and the
hard wall is to align bonds in the ground state parallel
to the wall. Therefore one can expect gn(2z) to increase
strongly and eventually to become larger than gem(z) at
z=1. Figure 7 shows that gn(1) is indeed larger than
@em(1) at T'= 0.2. A comparable inversion of ory(1) and
Qem(1) is not observed in off-lattice simulations of
semiflexible polymer melts?44® with increasing chain
stiffness, which suggests that the behavior of the
monomer and end-monomer profile at the wall is
particularly determined by the model and the conditions
used in the simulation. In addition, Figures 5—7 reveal
that the influence of the wall on gem(2) vanishes on the
same length scale as that on gn(z). The evidence in
favor of this observation from other simulations is not
unambiguous. Whereas molecular dynamics simula-
tions® and off-lattice Monte Carlo simulationg3435:40
suggest that gm(2z) and gem(z) decay on the same length
scale (i.e., on that of the monomer diameter), other off-
lattice Monte Carlo simulations?123.2439 rather find that
om(z) reaches the bulk value faster than gem(z) which

decays on the length scale of Rg“lk. Therefore it seems
that the appropriate decay length of gem(2) depends on
the model, the specific interactions, and the values of
the external control parameters (i.e., temperature and
density) employed in the simulation.

Another quantity which provides information on the
structure of the polymers close to the wall is the chain-
monomer profile. The chain-monomer profile Nn,(2)
proposed by Theodorou in ref 46 is defined as the
average number of monomers in layer z that belong to
the same chain. Figure 8 compares the z dependence
of the reduced chain-monomer profile Neme(2) = Nem(z)/
NEulk (NPulk ig the average of Nem(z) for 15 < z < 25; see
Table 1) at 7= 0.2 and 7 = 1.0. At both temperatures
the characteristics of Nom(2) are very similar to those
of om(2) or gem(z): The competition between wall effects
and excluded volume interaction leads to oscillations in
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Figure 8. Plot of the reduced chain-monomer profile Nep,(2)

= N_(2)/N2* versus the distance z between the walls for T =
0.2 (x) and T = 1.0 (d). Nem(2) is the average number of

monomers at position z, which belong to the same chain.

02 is the average of Qem(2) for 15 < z < 25.
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Figure 9. Temperature dependence of the adsorbed excess I
defined by eq 3.

Nem(2). The intensity of these oscillations increases
with decreasing temperature, their decay toward the
bulk value occurs on a length scale whose temperature
dependence is qualitatively compatible with that of gm-
(2) or of gem(2) (see Figure 5), their regular structure is
interrupted for z > {y, and their start value at the wall
is enhanced over the bulk value. At T = 1.0 this start
value is Nen(1) = 3, whereas Nem(1) ~ 6.5 at T = 0.2;
i.e., six to seven monomers of the average number of
monomers at the wall belong to the same chain at T =
0.2. This is an indication that not only the bonds but
also the polymers tend to align parallel to the wall at
low temperatures. Further evidence for this flattening
of the chains will be given in the subsequent sections.

Another interesting quantity related to gm(z) is the
so-called adsorbed excess, defined by

L2
T'= Y @nk) — o™ 3
z=1

which measures the amount of monomer in the inter-
facial region in excess of Ql;:llk. The temperature de-
pendence of T is depicted in Figure 9. The figure shows

that the adsorbed excess is a small, but positive,
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E.(2)

Figure 10. Plot of the reduced bond energy profile E.(z) =
(I (2){ TPk versus z for T = 0.2 (x) and T = 1.0 (O). {Fbulk
is the average of (#)(z) for 15 < z < 25. The z value of E,(z) is
defined to be the z position of the monomer from which the
bond starts.
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Figure 11. Plot of the distance profiles of the component of
the mean square bond length parallel [bz) = b,Xz) + b,%2);
O] and perpendicular [25,%(z); x] to the wall at T = 1.0. The
z value of the profiles is defined to be the z position of the
monomer from which the bond starts. The horizontal solid
line is the bulk value from Table 1.

quantity which increases by about a factor of 3 in the
studied temperature interval. This illustrates again the
fact that—although there is no attraction between the
monomers and the walls—the dominance of the packing
constraints leads to an effective force which presses the
chains against the wall and which becomes enhanced
by the contribution of the model’s energy function. This
behavior of the adsorbed excess is to be expected, since
our model has a negative thermal expansion (i.e., as the
temperature decreases, the chains expand by occupying
a larger volume®®) and since the energetic preference
of b = {3,0,0} is compatible with bonds lying parallel to
the wall at low temperatures.

B. Profiles on the Length Scale of a Bond. In
order to study the structural properties of the confined
polymer melt on the length scale of a bond, Figures 10—
13 present the reduced profile of the mean energy per
bond (i.e., Exz) = {F}2){FP"k), the profiles of the mean
square bond length parallel 52(z) and perpendicular
2b,2%(z) to the wall, and the reduced profile of the mean
bond angle (i.e., ©.(z) = ©(z)/@Puk), The profile of 2b,2-
(z) is multiplied by 2 in order to make its value in the
bulk coincide with that of ,2(2z) = b,%(z) + b,%(2). The z
values of the profiles for the mean energy per bond and
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Figure 12. Plot of the distance profiles of the component of
the mean square bond length parallel [b#(z); O] and perpen-
dicular [b,%(2); x] to the wall at T = 0.2. The z value of the
profiles is defined to be the z position of the monomer from
which the bond starts. The horizontal solid line is the bulk
value from Table 1.
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Figure 13. Plot of the reduced bond angle profile ©.z) = ©-
(z2Y/@Pk versus z for T = 0.2 (x) and T = 1.0 (00). ©buk is the
average of ©(2) for 15 < z < 25. The z value of ©,(z) is taken
to be the z position of the monomer joining the two bonds which
define the angle.

for mean square bond length are taken to be the position
of the monomer from which the bond emanates, and
those of the profile for the mean bond angle are
associated with the position of the middle monomer
joining the two bonds which define the angle.

The mean energy per bond varies between 0 and 1
by definition and can thus be considered as a measure
for the probability to find a bond vector in the excited
state (i.e., in the state #(b) = 54). Table 1 shows that
at T = 1.0 90% of the bond vectors in the bulk are in
the excited state, whereas this percentage reduces to
about 13% at T = 0.2. This reduction becomes even
more pronounced in the immediate vicinity of the wall
(see Figure 10). At T=1.0 and T = 0.2 the percentage
of bonds in the excited state at z = 1, 39 is about 82%
and about 7%, respectively. In other words, about 93%
of the bond vectors are in the ground state at 7' = 0.2,
the vast majority of which are oriented parallel to the
wall. This becomes apparent from the profiles of the
mean square bond length (see Figures 11 and 12). First
of all, these profiles show that the impenetrable wall
favors a parallel alignment quite generally at all tem-
peratures. This influence of the wall on the orientation
of the bond vectors was also observed in other simula-



Macromolecules, Vol. 28, No. 20, 1995

tiong181921,23,24.26,3¢ and predicted theoretically.*® How-
ever, at T' = 0.2 b2(2) is strongly enhanced over its value
at T = 1.0 and is rather close to the low-temperature
limit (i.e., b4z) = 9), whereas 2b,%(z) is almost negligible
at the wall. That most of the bond vectors in the ground
state lie parallel to the wall at T = 0.2 can also be
inferred from the profile of the mean bond angle (see
Figure 13). The bond angle between two successive
bond vectors in the ground state is either 90° or 180°.
In a layer there are two possibilities to realize the 90°
and one to realize the 180° angle. If one ignores the
influence of density completely, one can estimate the
mean bond angle to be ® ~ 2 x 90°/3 + 180°/3 ='120°,
But this is exactly the number which results from
Figure 13 and from the bulk values of Table 1. In
summary, all of these profiles show that the model’s
energy function strongly reinforces the alignment con-
straints imposed on the polymers at the interface by the
hard wall.

In the layers further away from the wall the various
bond profiles reflect that there is a considerable differ-
ence in the structure of the melt at high and at low
temperatures. At 7' = 1.0 both E.(z) and ©.(z) differ
only slightly for z > 1 from their respective bulk values.
The bulk values are reached for z % 4, i.e., for a z value
comparable to 2b*uk = 2(b2 + b,2)1/2 (see Table 1). This
is also the length scale on which b,%(z) and 2b,2(z) start
to fluctuate around the bulk value, as Figure 11 shows.
However, for smaller z values the profiles of mean bond
length components deviate more strongly from the
result in the bulk than those of the bond energy or bond
angle. For z = 2 b2(z) is still larger than 2b,2(2),
whereas the situation is exactly reversed for z = 4. It
is unlikely that the large component parallel to the wall
at z = 2 results from parallely oriented bond vectors,
as was the case for z = 1, since the monomer density
and the chain-monomer profile show that the overall
number of monomers at z = 2 is smaller than in the
bulk and that on average only one to two of these
monomers belong to the same chain. Therefore the
large b,2(2) value should be attributed to bond vectors
such as {(2,1,0), (2,1,1), (2,2,1), (3,1,0)}, which can
connect monomers from the enriched layers atz =1, 3
to those at z = 2 with a large parallel component.
Contrary to that, the large 2b,%(2) values at z = 4 may
be rationalized by the contribution of the vectors (0,0,—
3), (£1,0,-3), and (0,£1,-3) to 2b.%z), which are
excluded by the hard wall for smaller z values.

When the temperature decreases, the rather smooth
z dependence of all profiles at 7 = 1.0 vanishes and a
more or less pronounced oscillatory structure develops.
Remembering the monomer density profiles, one can
interpret this oscillatory structure in the following
way: Figures 4 and 8 show that the overall number of
monomers and number of monomers belonging to the
same chain are strongly increased for z = 1, 3, 5 and
strongly decreased forz = 2,4 at T =0.2. This regularly
oscillating structure of both monomer profiles is inter-
rupted for z = 7, i.e., for z > {n. Similar features are
found for the various bond profiles. The maxima
(minima) in the monomer profiles correspond to maxima
(minima) in b(z) and ©,(z) and to minima (maxima)
in E\(2) and 2b,2%2) for z < 5. This means that the layers
with an enhanced number of monomers also contain an
enhanced number of bonds in the ground state, which
are aligned parallel to the wall, whereas the bonds in
the depleted layers are preferentially in the excited state
and oriented perpendicular to the wall. This compari-
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Figure 14. Plot of the reduced chain density profile g(2) =
0.2)/0"™® versus z for T= 0.2 (x) and T'= 1.0 (0). o™* is the

average of g.(z) for 15 < z < 25. The z value of g.(2) is taken
to be that of the center of mass of the polymer.
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Figure 15. Plot of the distance profiles of the component of
the radius of gyration parallel [Re*z) = R .%(2) + Rg,%(2); O]
and perpendicular [Rg.%z); x] to the wall at T = 1.0. The z
value of the profiles is that of the center of mass of the polymer.
The horizontal solid line is the bulk value from Table 1.

son of the various profiles suggests that the interplay
of energy, excluded volume, and wall effects makes large
portions of the polymers adopt entropically unfavorable
flat configurations in the close vicinity of the wall and
that this deviation from the isotropic chain configuration
also perturbs the structural properties of the polymers
in the bulk.

C. Profiles on the Length Scale of a Chain. This
section deals with the structural properties of the
confined polymer melt on the length scale of a chain.
The influence of the hard wall constraint on the shape

of the polymers is exemplified by the reduced chain

density profile (i.e., 0x(z) = o (2)/0™™; see Figure 14)

and by the profiles of the radius of gyration parallel Rg?-
(2) and perpendicular 2Rg,%(z) to the wall (see Figures
15 and 16). As for the profile of the mean square bond
length Rg,2(z) is multiplied by a factor of 2 to make its
value coincide with that of parallel component Rg2(z)
= Rgx%z) + Rgy*(z) when the chain configuration is
isotropic. The z values of all profiles in this section are
taken to be the position of the center of mass of the
polymers, and the center of mass is associated with
position z if it lies in the interval [z — 0.5, z + 0.5].
From the comparison of Figures 14 and 15 the
following conclusions may be drawn about the structure
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Figure 16. Plot of the distance profiles of the component of
the radius of gyration parallel [Rg%(z); O] and perpendicular
[Rg.(z); x] to the wall at T = 0.2. The z value of the profiles
is that of the center of mass of the polymer. The horizontal
solid line is the bulk value from Table 1.

of the melt at T = 1.0: Since Rg(z) = 2Rq.2%(z) for 15
< z < 25, the “soap-shaped” polymers can adopt all
possible orientations and thus appear spherically iso-
tropic in the bulklike inner part of the simulation box.
The presence of the wall starts to be felt at z ~ 8 ~
2Rl(’;“1k (see Table 1). As the wall is further approached,
the ability of the chains to reorient is progressively
hindered, leading to an increase of Rg? and to a
decrease of Rg.2. Therefore the main effect of the wall
is to reduce the orientational entropy of the polymers
and to align them preferentially parallel to it. Only the
few chains lying in the layer immediately adjacent to
the wall are somewhat distorted and flattened. This
influence of the wall on the chain structure is expected
from the discussion of the profiles presented in the
previous sections and is also confirmed by other
simulations.18:2123-28,31,33-37,39,40

When the temperature decreases, the contribution of
the model’s energy function reinforces the tendency of
the chains to align parallel to the wall. This conclusion
drawn from the discussion of the previous section is also
corroborated by Figures 14 and 16. Contrary to T =
1.0 the layer at the wall is no longer depleted of, but
enriched by, chains. These chains are much more
flattened than those at high temperatures. The pro-
nounced increase of chains at z = 1 induces a depletion
of the subsequent layer, which in turn allows for another
(smaller) enhancement of chains at z = 3. Therefore
the interplay between energetic, packing, and wall
constraints leads to a layering of the polymers, which
is reflected by the zigzag structure of Rg?(z) close to
the wall. The maxima of Rg%(2) coincide with those of
the chain-monomer profile g.(z) for z < 5. As soon as
the regular sequence of maxima and minima of g.(z)
becomes interrupted (i.e., for z > 7; see Figure 8), the
profiles of the radius of gyration begin to smooth.
Therefore the regular oscillatory structure present to a
varying extent in all profiles discussed so far at low
temperatures must be attributed to the layering of the
polymers in the proximity of the wall. This entropically
unfavorable configuration gradually starts to cross
over to the isotropic bulklike structure for z ~ R3'* —
2ch’;“lk for gclz), Rg?(z), and 2Rg.%(z). However, the
profiles reach the bulk value only for 15 < z < 25 and
thus for z values which are larger than 2RY™ (see
Table 1).
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Figure 17. Plot of R X2)/(R%™)? versus z/R2™ for various
representative temperatures;: 7 = 1.0 ($), T=0.6 (x), T =
04(0),T=0.3(*),and T = 0.2 (a). The z value of the profiles
is that of the center of mass of the polymer.

This observation from Figures 14 and 16 indicates
again (see discussion of Figure 5 for comparison) that
Rl(’;,“lk is not the relevant large length scale for the low-
temperature properties of the confined melt. If it was
the relevant length scale, one should be able to make
the various chain profiles collapse onto a master curve
when the ordinate and the abcissa values are divided
by suitable powers of Rg. = R‘(’;“lkh/ 3. Since such a
scaling merely corresponds to. a change of the ordinate
and abcissa values without affecting the shape of the
profiles, it can only be expected to work if the structures
of the curves are similar to each other. This is the case
at high temperatures. That the proposed scaling (for
different chain lengths) is indeed possible at high
temperatures has been shown previously for the bond-
fluctuation model (with a different energy function) in
ref 28 and is also found in other simulations.1823 At
low temperatures, however, the structure of the various
profiles differs considerably from that at high temper-
atures so that the simple rescaling of the coordinate
axes should not be expected to make the profile collapse.
Nevertheless, we attempted such a scaling for 2Rg,2-
(2), the profile which is least perturbed by the presence
of the hard wall at low temperatures. The result is
shown in Figure 17. As expected, the 2Rg,%(z) profiles
coincide at high temperatures (i.e., for T = 0.6). At
these temperatures the bulk radius of gyration is the
relevant large length scale which determines the tem-
perature dependence of the profiles. This is no longer
true for T < 0.35. Although the 2Rg,2%(2) profiles are
again similar to each other, the increase of Rg, with
decreasing temperature is too weak to yield a successful
scaling. However, a glance at Figure 5 suggests that
{m might be a better scaling variable. Therefore we
attempted to plot Rg,2(z)/Rg.2 against 2/{,. The result
is shown in Figure 18. In fact, 2Rg,%(z) profiles for T' <
0.35 now collapse fairly well onto a master curve which
can be fitted by Rg,2(2)/Rg,2 = 1 — expl—a(z/{m)?] with
a = 075 £ 0.05 and ¥ = 1.85 + 0.30. Since the
temperature dependence of {, for T' = 0.6 is additionally
comparable to that of Rgy, {n is a suitable scaling
variable over the whole temperature range (except at
intermediate temperatures (i.e., T = 0.35—0.6), where
the 2Rg,%(z) profiles change shape) and thus the rel-
evant length scale which characterizes the extent of the
interphase in the glassy polymer melt under study.
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Figure 18. Plot of R *(2)/(RG™)® versus 2/, for various
representative temperatures: 7'= 1.0 (), T=0.6 (x), T =
0.4(0),T=0.3(*),and T=0.2(a). The z value of the profiles
is that of the center of mass of the polymer.

IV. Summary and Outlook

Monte Carlo simulations are reported for the struc-
tural properties of a dense polymer melt confined
between two hard walls. The polymer melt is simulated
by the bond-fluctuation model on a simple cubic lattice.
In addition to the excluded volume interaction an energy
function is associated with long bond vectors, which
makes the polymers expand and stiffen with decreasing
temperatures. The competition between this energy
function and the density causes a large increase of the
structural relaxation time at low temperatures and
generates the glassy behavior of the (unconfined) melt.
In this simulation the temperature was varied from
values typical of the ordinary liquid to those typical of
the strongly supercooled melt. The interplay of tem-
perature, packing effects, and wall constraints influ-
ences the structure of the polymer melt in the following
way:

At high temperatures, when the contribution of the
energy function is not yet very important, the structure
of the polymers close to the wall is determined by the
competition of the loss in configurational entropy due
to the proximity of the impenetrable wall and the
packing constraints exerted by the polymers further
away in the bulk. This competition leads to an en-
hancement of the monomer and of the end-monomer
density at the wall. The profiles of these monomer
densities are oscillating functions which decay toward
the bulk value on the length scale of a bond. Contrary
to that, the density profile of the chains is enhanced at
a distance comparable to the bulk value of the radius
of gyration and strongly decreased in the immediate
vicinity of the wall. The few chains lying in this vicinity
are preferentially oriented parallel to the wall. Al-
though the detailed shape of these profiles certainly
reflects the underlying lattice structure, the general
aspects of the profiles described above are also observed
in many off-lattice simulations and are thus not a
peculiarity of the lattice model employed.-

When the melt is progressively supercooled the ten-
dency of the polymers to align parallel to the wall
becomes strongly reinforced by the influence of the
energy function. Contrary to high temperatures the
layer at the wall is no longer depleted of but enriched
by almost two-dimensional polymer chains. These
preferentially two-dimensional chain configurations
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persist over a distance of about twice the bulk value of
the radius of gyration. However, larger distances are
required for the chains to adopt the bulk behavior
completely. At low temperatures the radius of gyration
is thus not the largest length scale characterizing the
extent of the interfacial region contrary to high tem-
peratures.

The simulation results presented were concerned with
the structural properties of the confined polymer melt
only. Certainly, it is also interesting to study how
energy, packing, and wall constraints influence the
dynamic properties of this model. Work in this direction
is in progress. In addition, the model studied hitherto
ignores all kinds of attractive interactions among the
monomers and between the monomers and the wall.
That these attractive interactions might play an impor-
tant role when one tries to compare theoretical and
experimental results is discussed in ref 41, for instance.
Therefore we plan to include these interactions in our
model in the future.
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